New techniques and applications of atomistic molecular simulation methods are reported. Their aim is to provide a better understanding of the molecular basis of experimental results. To this end, calculations are performed of experimentally measurable observables. These are then compared to experimental results, thus validating the computational models and procedures. Finally, the simulations are analysed for the atomistic structural and dynamical properties that give rise to the experimental observation. In this way, the model assumptions commonly used in interpreting experimental raw data are avoided. Two examples are given: the free volume in polymers probed by positron-annihilation spectroscopy and the local alignment of polymer chains inferred from NMR measurements. §1.
§1. Introduction: Experiment and simulation
In understanding a polymeric system, as any other real system, experiments and simulations take different routes and have, therefore, different advantages and shortcomings. Experiments measure accurately and reproducibly certain system properties. These primary data, however, rarely are directly useful for understanding the behaviour of the system. Consequently, they have to be transformed. The data processing involves the use of physical models, assumptions, and approximations. The reliability of these models is crucial for the reliability of all deduced facts about the system under investigation. The analysis of a simulation, on the other hand, is not limited in this way: Since the positions of all atoms in the system are known at every point in time, the system is completely characterised and properties of interest can be easily extracted. The problem of the simulation lies in its set-up: Is the Hamiltonian correctly chosen? Is the force field appropriate? Is the system large enough and are the simulations long enough to observe the process or property of interest? In other words, does the simulated system correspond to the real system? Much can be gained from combining experiment and simulation if they are used to crosscheck each other (Fig. 1 ). This can be done by measuring and calculating the same unprocessed primary (raw) data. The degree of agreement can be used to assess the realism of the simulation. Once the simulation has been validated, one can analyse it in a model-free way. This approach is discussed below for two applications: The calculation of free-volume properties from positron-annihilation spectroscopy and atomistic molecular dynamics (MD) simulations and the local structure of polymer melts from solid-state doublequantum nuclear magnetic resonance (NMR) and coarse-grained MD. §2.
Free volume in polymers: The structure of the cavities Free volume is a popular concept in the dynamics of dense polymers. 1) Yet in cannot be defined in an unambiguous way 2) and it cannot be measured directly by experiment. The only probe for sub-nanometer cavities in amorphous polymers is ortho-positronium.
3) This hydrogen-like pseudo-atom forms, when a positron is injected into a polymer. Positronium then occupies a pocket of free volume. As the annihilation of the positron with its own electron is spin forbidden (lifetime in vacuum 142 ns), it can only annihilate with a second electron picked off from the polymer atoms lining the cavity. Its effective lifetime τ 3 thus depends on the size of the cavity it resides in. Since both during the creation and the annihilation of a positron γ-quanta are emitted, its lifetime can be measured. Positron life times are primary data of reasonable accuracy. Using some heavy assumptions (cavities are spherical and bounded by hard walls, the polymer electrons form a layer of constant density on the walls of the cavity, T=0 K, etc.) τ 3 can be converted into cavity radii R using the following analytical relationship
where ∆R is the thickness of the electron layer, r e the classical electron radius, c the speed of light, and ρ o the electron density. From simulations it is known that the cavities are anything but spherical (Fig. 2) . Thus, (Eq. 1) is probably highly inappropriate. Therefore we have developed a method for calculating τ 3 using atomistic MD, which is described in (2) Fig. 3 shows the comparison of experimental and simulated τ 3 distributions for amorphous atactic polystyrene at ambient conditions. 4) The agreement is fairly good and we may conclude that our simulated polystyrene corresponds to real polystyrene, at least as far as its behaviour toward positronium is concerned. The cavities may now be studied not only by visual inspection (Fig.  2) , but also by geometrical descriptors. 5) As an example, the asphericity A is shown in Fig. 4 . It is defined as
where M 2 largest denotes the largest principal component (eigenvalue) of the second moment tensor of the cavity's volume distribution, and
2
M is the average of all three principal components.
The detailed comparison of cavity volumes and corresponding positronium life times (Fig. 5) shows, that there is no one-to-one correspondence, since the life time depends not only on the cavity volume, but also on its shape. The standard analytical model (Eq. 1) not only fails to capture this distribution but also underestimates the volume derived from τ 3. §3.
How amorphous is a polymer melt
The short-range (<1 nm) structure of an amorphous polymer melt or glass cannot be determined completely by experiments. Recent advances in solid-state NMR log t spectroscopy have made it possible to study the local dynamics in polymer melts. 6) Relaxation measurements, in particular, 7) allow to infer the shape of the following time correlation function
Here, θ is the angle between a distance vector linking a C to an H atom and the external magnetic field. In polymers with an inherent stiffness such as 1-4 polybutadiene, C(t) corresponds to a two step process with a plateau value of S ij ≈ 0 2
. as sketched in Fig. 6 and even allowing for entanglements it would be at most 0.02.
7) The higher dynamic ordering could be due to local alignment of neighbouring chains.
To check this hypothesis, we carried out simulations with a simplified model of a polymer melt. The model consists of purely repulsive excludedvolume beads connected by anharmonic springs. In order to mimic the stiffness of real polymers such as polybutadiene or polyisoprene we have introduced a bending potential of variable strength and topology.
8) The calculated C(t) shows a transition from a fast short-time decay to a second algebraic process on long time scales (Fig. 7) . 9) With increasing stiffness, the separation of time scales becomes more prominent. Even for the stiffest chains we do not quite find a plateau. The slope, however, is so small that we may take this finding in qualitative agreement with experiment, especially, in view of the crudity of the model. We also note 
log(Lennard-Jones reduced time) that, for nearly fully flexible chains, there appears to be almost no separation in time scale. This is in agreement with NMR studies on poly(dimethyl siloxane), which is more flexible than polybutadiene and where the effect is absent. 10) With confidence in the simulation established, the local structure and dynamics are investigated. On the dynamics side, it is seen that both the chain stiffness and the chain length have a visible effect.
9) The reorientation of nearestneighbour bonds, which describes very local dynamics, becomes slower not only with increasing stiffness but also with increasing chain length (Fig. 8) .
The local structure is illustrated by a chain-chain orientation distribution Fig. 9 . Mutual orientation of neighbouring polymer chains in the melt as a function of their distance. A positive value of P 2 indicates preferred parallel alignment, while P 2 <0 indicates a perpendicular chain packing. Order persists up to three monomer diameters and is locally determined, the curves for the two chain lengths being virtually indistinguishable. 
where Φ( ) R is the angle between chain tangent vectors (taken as nearest neighbour bond vectors) of two neighbouring chains at distance R. Fig. 9 shows that P R 2 ( ) has a maximum at about 1.2 monomer diameters. This coincides with the first maximum in the radial distribution function and indicates that chains at close range prefer parallel alignment ( )
There is a second maximum at R≈2.1. Correlations between chain orientations are visible up to a distance of about three monomer diameters, which include at least the first and second neighbour chains. Fig. 9 also shows that in contrast to the dynamics this ordering is a strictly local effect, the chain length having no influence whatsoever. With increasing chain stiffness, however, there is an increase of local parallel ordering while the global isotropy is maintained. 8) Interestingly, the packing structure of the monomer shows through in the short-range part of P R 2 ( ) . In Fig. 10 we compare P R 2 ( ) of a flexible chain with that of a slightly disordered fcc crystal of excluded volume spheres. Here, nearestneighbour vectors were calculated and P R 2 ( ) between any two of them was histogrammed, excluding only vectors sharing one bead, in order to model simplistically chain connectivity, as we only want to look at inter-chain correlations. It shows that the first and the second peak almost coincide in position, with the correlation obviously lasting to greater distances in the fcc crystal than in the amorphous polymer melt. We may speculate, therefore, that the chemical architecture of the monomers has a strong influence on the local packing of polymer chains in the melt. This is presently investigated by atomistic MD simulations.
The magnitude of the influence of the different components of polymer architecture on local structure and dynamics as given by the present simple model of polymer melts is summarised in the following It remains to be seen if these findings are born out by atomistic studies of melts of polyisoprene presently under way in our laboratory. §4.
Simulation plus experiment: The best of both worlds
We have shown how to use molecular dynamics (MD) simulations in order to interpret the results of complex experiments on bulk polymers. Neither the sizes and shapes of small free-volume cavities nor the local structure of amorphous polymers can be obtained in a direct and model-free way from the corresponding experiments (positron lifetime measurements and NMR relaxation, respectively). However, the experimental information can be used to validate MD simulations, thereby establishing confidence in their realism and in the results derived from them. Comparisons based on the primary experimental data before interpretation are particularly useful in this context.
The combined simulation-experimental approach is not an invention of ours. It has been tacitly and implicitly followed in many previous simulational investigations. It is, however, rarely used consciously and systematically. On the one hand, it necessitates a close co-operation between experimentalists and simulators to define the raw data that can both be measured and calculated and to improve where needed the often incomplete database of experimental measurements. On the other hand, one has to select carefully those target properties of a macromolecular system which are amenable to simulation and which are ultimately of interest. In some of our investigations we have followed the principles laid down in Fig. 1 . For example, there have been systematic investigations of swollen polymers following validations of these systems by comparing the diffusion coefficients of the swelling agents to experimental results.
11) At present, we undertake studies of the mechanism of thermal diffusion which involve both experiments and simulation. 12) 
